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Molecular Origins of the Mechanical Behavior

of Hybrid Glasses

By Mark S. Oliver, Geraud Dubois,* Mark Sherwood, David M. Gage,

and Reinhold H. Dauskardt*

Hybrid organic-inorganic glasses exhibit unique electro-optical properties
along with excellent thermal stability. Their inherently mechanically fragile
nature, however, which derives from the oxide component of the hybrid
glass network together with the presence of terminal groups that reduce
network connectivity, remains a fundamental challenge for their integration
in nanoscience and energy technologies. We report on a combined synthesis
and computational strategy to elucidate the effect of molecular structure

on mechanical properties of hybrid glass films. We first demonstrate the
importance of rigidity percolation to elastic behavior. Secondly, using a novel
application of graph theory, we reveal the complex 3-D fracture path at the
molecular scale and show that fracture energy in brittle hybrid glasses is fun-
damentally governed by the bond percolation properties of the network. The
computational tools and scaling laws presented provide a robust predictive
capability for guiding precursor selection and molecular network design of

the design of hybrid molecular networks
with improved mechanical properties. We
describe molecular modeling strategies that
are able to quantitatively predict the effects
of hybrid molecular network parameters
such as molecular type and condensation
degree on elastic and fracture properties.
With these models, along with experimental
characterization of synthesized glasses, we
reveal the fundamental connections between
the percolation properties of the glass net-
work and glass mechanical behavior. These
findings provide a simple mathematical
framework for predicting the mechanical
behavior of complex network glasses.

To accurately model hybrid glasses, we
first generate large, distortion-free net-
works using molecular dynamics-based

advanced hybrid organic-inorganic materials.

1. Introduction

Hybrid organosilicate glass films processed from small orga-
nosilane precursors exhibit unique electro-optical properties
while maintaining excellent thermal stability. They can be inex-
pensively processed using sol-gel or chemical vapor deposition
and have application in emerging nanoscience and energy tech-
nologies.'!' A fundamental challenge for their integration and
application, however, remains their inherently mechanically
fragile nature that derives from the oxide component of the
hybrid glass network and the presence of terminal hydroxyl and
organic groups that reduce network connectivity.

Remarkably little fundamental understanding exists of how
hybrid glass structure governs even basic mechanical proper-
ties like elastic stiffness and cohesive fracture energy, limiting
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simulated annealing.”) Unlike existing

methods for generating model hybrid

glasses,3! ours does not define the net-
work topology prior to structural relaxation. Another advanced
feature of our approach is the ability to generate hybrid glasses
with well-controlled network connectivity. This enables system-
atic variation of the network connectivity and calibration with
experimental 2Si NMR measurements of condensation degree.
Elastic properties were predicted with molecular dynamics sim-
ulations. To model fracture, we have developed a model using
the minimum-cut principle of graph theory to predict the com-
plex three-dimensional cohesive fracture path through hybrid
glasses at the atomic scale and provide both the number and
types of bonds broken.

The specific glasses investigated were ethane-bridged oxycar-
bosilane (Et-OCS) and methylated ethane-bridged oxycarbosi-
lane (Et-OCS(Me)) (see Figure 1). These represent the state-of-
the-art molecular-reinforced hybrid glass films. Recently, it has
been demonstrated that the incorporation of alkane bridges in
hybrid glasses results in materials with mechanical properties
considerably better than glasses containing univalent carbon
groups.*l When organics are incorporated into hybrid glass
networks in the form of univalent carbon groups, the molec-
ular connectivity is disrupted and the mechanical properties
are significantly degraded.'” Thus post-deposition curing to
increase the network connectivity by formation of Si-O-Si bonds
has been critical to achieve acceptable mechanical properties
at the expense of organic component loss, film shrinkage, and
degradation of electro-optical performance that accompanies
curing.''"3] The effect of network connectivity on mechanical
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Figure 1. Molecular structure of Et-OCS and Et-OCS(Me) organosilicate glasses showing a)
the basic structural units and b) clusters of seven basic units. The full simulations contained
750 units in a cubic simulation cell with periodic boundary conditions. Experimental 2°Si NMR
spectra of synthesized Et-OCS and Et-OCS(Me) glasses showing the characteristic di-functional
(D) and tri-functional (T) peaks are presented in c). The component peaks for the Dy, Dy, Ty,
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Pet-ocs = (1+ 3qei-ocs)/ 4 1)
and for Et-OCS(Me) by:

PE-ocsMe) = (1+ 2.5q5 ocsme))/ 4 ()

In the following discussion, both met-
rics will be employed to provide important
insights about the relationship between net-
work connectivity and mechanical properties.

To make valid comparison between the
model predictions and experimental meas-
urements of mechanical properties, the con-
densation degrees of the models had to match
those of the real glasses. Thus the condensa-
tion degree of the synthesized Et-OCS and Et-
OCS(Me) glasses were measured using 2Si
NMR spectroscopy. The 29Si NMR spectra
of both the Et-OCS and Et-OCS(Me) glasses
are shown in Figure lc. The characteristic
tri-functional (T) and di-functional (D) peaks
are apparent. These peaks are composed of
Ty, T, and T3 peaks and D; and D, peaks,
respectively, where the subscript denotes the
number of bridging Si-O-Si bonds attached to
the group. By decomposing the NMR spectra
into these components, the network connec-
tivity was determined. The measured values
of condensation degree, ¢, for the synthesized
Et-OCS and Et-OCS(Me) films were 0.818
and 0.820, respectively. These correspond to
Si-X-Si connectivity values of 0.864 and 0.763,

T,, and T3 groups used to calculate the condensation degrees are shown as well.

properties was systematically studied by varying the Si-O-Si con-
densation degree of the model networks. In addition, by com-
paring the Et-OCS and Et-OCS(Me) glasses, the impact of the
terminal methyl group of the Et-OCS(Me) glass was explored.
Experimental characterization of the structure and mechanical
properties of synthesized Et-OCS and Et-OCS(Me) glasses was
used to both calibrate our models and validate their predictions.

2. Results and Discussion
2.1. Hybrid Glass Network Connectivity

To precisely quantify network connectivity, we use two metrics.
The condensation degree, g, is equal to the fraction of possible
Si-O-Si bonds that have formed and has a maximum value of
one regardless of precursor structure. While widely used, con-
densation degree ignores the influence of bridging and ter-
minal carbon groups on the connectivity of the network. Thus
we define the Si-X-Si connectivity, p, (where X = O or C-C) to
equal the fraction of bridging Si-X-Si bonds per silicon atom
that are present compared to fully connected SiO,. This metric
provides an absolute measure of network connectivity. The
maximum possible values of p for Et-OCS and Et-OCS(Me) are
1.0 and 0.875, respectively. The condensation degree, g, and Si-
X-Si connectivity, p, are uniquely related for Et-OCS by:
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respectively.

2.2. Bulk Modulus

The bulk moduli of the model glasses were simulated by
applying hydrostatic pressure in incremental steps and meas-
uring the equilibrated volumetric strain. The bulk moduli of
the model glasses are plotted against condensation degree, g,
in Figure 2a along with the experimentally measured values for
the real glasses and the bulk modulus of fused SiO, for com-
parison. At an equivalent condensation degree, the modulus
of Et-OCS(Me) was much less than Et-OCS over the entire
range of g values considered. For the real glasses, the bulk
modulus values predicted by the model were 13.2 and 6.1 GPa
for Et-OCS and Et-OCS(Me), respectively. These values are in
excellent agreement with the experimentally measured values
of 13.0 and 5.0 GPa. The same data are plotted against Si-X-Si
connectivity, p, in Figure 2b. The data for both glasses follows
a similar trend. This indicates that the decrease in elastic stiff-
ness of Et-OCS(Me) can be explained by the reduction in the Si-
X-Si connectivity that results from the terminal Si-CH; groups.
Note that for a given Si-X-Si connectivity, both Et-OCS and Et-
OCS(Me) contain the same number of terminal groups but for
Et-OCS(Me), some of these groups are Si-CH; groups instead of
Si-OH or Si-OEt. The composition of the terminal group should
have little effect on elastic properties unless it sterically affects
the molecular network configuration.
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Figure 2. Model predictions and experimental measurements of bulk
modulus plotted against a) condensation degree, g, and b) Si-X-Si con-
nectivity, p. The solid lines are power-law fits to the model data passing
through zero at p = 0.6, the critical Si-X-Si connectivity corresponding the
point of rigidity percolation.

To fit the observed scaling of modulus with connectivity, a
mean-field model for elastic stiffness was used.'¥ This model
assumes non-linear scaling of modulus with connectivity and
zero modulus below the percolation of rigidity, which occurs at
a mean coordination of 2.4.%] Modeling the glasses as a net-
work of Si atoms, a mean coordination of 2.4 is equivalent to a
Si-X-Si connectivity, p, of 0.6. At connectivity values below this
threshold, the rigid regions of the network do not percolate.
Thus we fit the modulus data assuming it scales as (p — 0.6)™.
A power-law exponent, m, of 1.92 was found to fit all the data
well. In Figure 2a, the data for Et-OCS and Et-OCS(Me) was fit
by calculating the critical condensation degrees corresponding
to p = 0.6. From equations 1 and 2, the critical condensation
degrees are 0.467 for Et-OCS and 0.56 for Et-OCS(Me). Extrapo-
lation of the fit in Figure 2b predicts a bulk modulus value of
29.9 GPa at p = 1.0. For comparison the experimentally meas-
ured bulk modulus of fused SiO, (p = 1.0) glass is 36.9 GPa.
The prediction that a fully connected network with an ethane
bridge would have a lower stiffness than silica is reasonable
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as the ethane bridge reduces the silica network density. The
predicted elastic behavior of the hybrid glasses as a function
of the network connectivity is therefore accurately revealed by
the simulations and shown to be in excellent agreement with
experimentally measured values and well described by a mean-
field model of glass network stiffness. These results also dem-
onstrate the importance of accounting for network connectivity
when predicting the elastic properties of hybrid glasses. Models
that assume full network condensation will be inaccurate.

2.3. Cohesive Fracture

Compared to elastic behavior, quantitative prediction of fracture
energy is much more challenging as it involves energy dissipa-
tion from many possible mechanisms that range from atom-
istic bond rupture to macroscopic crack tip plasticity. Broadly
speaking, the fracture energy expressed as a critical value of
the strain energy release rate, G, [] m~2], can be considered to
be the sum of the work of cohesion, G, and the work related
to plastic deformation at the crack tip, G,. The work of cohe-
sion is related to the energy required to rupture bonds along
the fracture path. Micromechanical analysis of brittle fracture
has shown that plastic energy dissipation only becomes sig-
nificant when the material yield strength is less than half the
cohesive bond rupture strength.' For brittle materials such as
silica and hybrid glasses, the yield strength at room tempera-
ture is approximately equal to the cohesive strength because
mechanisms of plastic flow are essentially absent. Thus for the
present analysis, G = 0 and the fracture energy, G. = G, If
we further assume that bond rupture is the only contribution
then Go is simply the product of the density of bonds broken
during fracture and the total energy (reversible and irreversible)
required to rupture each bond:

GC = G()
B - ( Bonds ‘ \ ( Energy
B Zi [Nl< Area )X €+ AHI)( Bond >:| ()

where the index i represents the different bond types, N is the
fracture bond density, AH is the enthalpy of dissociation, and
the factor & is the irreversible energy loss of the bond rupture
process. The product of the fracture bond density, N, and the
enthalpy of dissociation, AH, is the thermodynamic work of
fracture. Even for highly brittle solids, the thermodynamic work
of fracture is known to underestimate of the fracture energy as
other irreversible energy loss mechanisms at the atomic scale
are active.l'’] The factor & can have values on the order of sev-
eral times AH due to toughening mechanisms such as bond
trappingl!® or lattice trapping!'”! and molecular bridging.[6:°]
An accurate estimate of fracture bond density, N, is very diffi-
cult to obtain for hybrid glasses as they have a complex network
topology. Additionally, the crack follows a three-dimensional
path through the glass network to avoid regions of high bond
density.'?1l Existing models of fracture surface bond den-
sity, N, are unable to capture this behavior. The simplest and
most often used approximation of N is to take the two-thirds-
root of the volume density of bridging Si-X-Si bonds which
provides a mean bond area density. This is referred to here as
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the volume model. While providing an order-of-magnitude esti-
mate, this model does not account for bond orientation or out-
of-plane oscillations of the fracture surface. A better method is
to compute the number of Si-X-Si bonds intersected by a two-
dimensional plane passing through a model network. This is
referred to here as the planar-cut model. This method accounts
explicitly for bond orientation and network topology but still
does not allow for fracture path oscillations in the out-of-plane
dimension.

To properly capture the nature of the fracture path at the
atomic-scale we need to compute the three-dimensional path
through the molecular network that breaks the fewest number
of atomic bonds. We would also like to account for the effect of
bond strength on crack path selection. For a complex molecular
network this calculation can be accomplished with the applica-
tion of graph theory. Our fracture model involves converting
the model glass networks generated with molecular dynamics
into a graph by treating every atom as a node and every bond
as an edge. Computing the fracture path is then mathemati-
cally equivalent to finding the minimum-cut (min-cut) of the
graph. The “capacity” of the cut is related to the capacity of the
edges which can be related to reported values of the Si-O, Si-C
and C-C bond strengths.?”l The min-cut algorithm numerically
finds a set of bonds that has the minimum number of bonds
and that completely separates the network if removed. Thus
the type and position of all bonds ruptured as well as the three-
dimensional fracture path topography can be predicted.

An important consideration is that the model is rooted in the
Griffith description of fracture and does not explicitly account
for crack-tip deformation effects on the fracture path. For brittle
amorphous materials, which lack crack tip plasticity, the crack
tip deformation can be assumed to be entirely elastic. The frac-
ture path determined by the min-cut algorithm is not affected
by even large scale elastic crack-tip deformation as the topology
of the network only changes when bonds are broken or rear-
ranged. This important point means that the min-cut fracture
path predicted through a molecular network is not sensitive to
elastic deformation of the network — the same path including
bond density and type would always be activated. Additionally,
the ruptured bonds predicted by min-cut are those that are
most critical to the load-transfer path through the network and
thus will likely experience the highest force and be most likely
to break.

To illustrate the behavior of the min-cut fracture model,
the dependence of the fracture bond density, N, on the min-
cut height, A, is shown for a representative Et-OCS model (p =
0.842) in Figure 3a. As the min-cut height increased from 0
(the planar-cut model) and the fracture path was allowed more
freedom in the out-of-plane dimension, the model could find
a lower bond density path through the network and thus the
fracture bond density decreased. Also shown in Figure 3a is
the fracture height, h, which is the difference in the position
between the highest and lowest atoms that are attached to rup-
tured bonds. When the min-cut height was below about 1 nm,
the fracture height equaled the min-cut height, showing that
the fracture path was constrained in the out-of-plane dimen-
sion. Once the min-cut height was sufficiently large, the frac-
ture height equilibrated at a value of about 1.5 nm. The pre-
dicted fracture path is well equilibrated for a min-cut height of
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Figure 3. Fracture bond density, N, and fracture height, h, are shown in
a) as a function of min-cut height, A. The fracture surface height, h, is
plotted as a function of Si-X-Si connectivity, p, for a min-cut height of 3 nm
in b). Error bars represent one standard deviation.

3 nm, and thus the min-cut fracture model refers to the fracture
path predicted for a min-cut height of 3 nm.

This inherent fracture path oscillation predicted by the model
decreased with increasing Si-X-Si connectivity. The fracture
height, h, for both Et-OCS and Et-OCS(Me) is shown as a func-
tion of Si-X-Si connectivity in Figure 3b for a min-cut height of
3 nm. The average fracture height values varied from 1.87 nm
to 1.44 nm over the Si-X-Si connectivity range considered. The
decrease in fracture height with increased connectivity occurred
because a deflection of the crack path out of the average plane
can either reduce the fracture surface bond density by avoiding
a network forming bond or increase the fracture surface bond
density by passing through an additional network forming
bond. The probability that a deflection of the fracture path inter-
cepts an additional bond increases with network connectivity
thus causing the fracture path to remain more planar. The data
extrapolates to 1.23 nm at p = 1.0. For comparison, the peak-
to-valley roughness of dense SiO, (p = 1) fracture surfaces has
been measured with AFM in ultra-high vacuum to be ~0.6 nm
over a 2.5 nm x 2.5 nm area.?>?% Considering the structural dif-
ferences between Et-OCS and SiO, and that the peak-to-valley
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Figure 4. a) The fracture surface bond densities of the model networks
plotted against Si-X-Si connectivity, p, predicted by the volume, planar-
cut, and min-cut models. The vertical dotted lines mark the values of p
for the real glasses. In b) the experimentally measured fracture energies
of Et-OCS and Et-OCS(Me) plotted against the fracture bond densities
predicted by the min-cut, planar-cut, and volume models. The fracture
energy is proportional to the fracture bond densities predicted by the
min-cut model, but not the planar-cut or volume models.

roughness measured by AFM will be several A less than the
fracture height, h, because of post-fracture surface relaxation
and AFM tip shape effects, these values are quite consistent.

In order to predict the influence of network connectivity on
Ge, the influence of connectivity on the fracture bond density,
N, must be understood. The effect of network connectivity
on the fracture bond densities for Et-OCS and Et-OCS(Me) is
shown in Figure 4a as predicted by the min-cut, planar-cut, and
volume models. Compared to the min-cut model, the planar-cut
and volume models both predict much higher fracture surface
bond densities. Another important difference between the three
models is that only the min-cut model predicts the existence of
a percolation threshold, below which the glass is disconnected
and thus would have approximately zero fracture energy. Such
a threshold must exist but is not predicted by either the volume
or planar-cut models. Note also that min-cut data for Et-OCS
and Et-OCS(Me) fall along a similar trend (as with the bulk
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Table 1. Fracture bond densities (bonds nm=) for Et-OCS and Et-
OCS(Me) predicted by the min-cut, planar-cut, and volume models.

Et-OCS Et-OCS(Me)
Model Si-O-Si Si-C,-Si Total Si-O-Si Si-C,-Si Total
Min-Cut 1.29 1.32 2.61 0.53 0.89 1.42
Planar-Cut 2.70 1.33 4.03 1.54 1.12 2.66
Volume 6.30 5.50 9.37 4.84 4.76 7.63

modulus results in Figure 2b) and can we well described by a
single linear fit that passes through zero at p = 0.55. Thus the
min-cut model predicts that the fracture bond density, N, is pro-
portional to (p — 0.55). The values of p for the real Et-OCS and
Et-OCS(Me) glasses are highlighted with dotted lines. The total
fracture bond densities predicted by the three models for both
Et-OCS and Et-OCS(Me) are listed in Table 1 along with the
number of Si-O-Si and Si-C-C-Si bonds ruptured.

If the min-cut fracture model is accurate, then fracture energy
should be directly proportional to the fracture bond density, N,
predicted by the min-cut model (Equation 3). The experimen-
tally measured fracture energies of Et-OCS and Et-OCS(Me) are
plotted against the fracture surface bond densities predicted by
the min-cut, planar-cut, and volume fracture models in Figure 4b.
The lines represent the best proportional scaling between frac-
ture bond density and Gc. The planar-cut and volume models
clearly do not agree with the measured data. On the other
hand, the measured fracture data is most consistent with the
min-cut model which reveals the highly proportional relation-
ship between the min-cut bond density and fracture energy
values. The value of £ + AH predicted by the min-cut model
for Et-OCS and Et-OCS(Me) is 1520 k] mol™'. For comparison
the enthalpies of dissociation, AH, for Si-O and Si-C are both
roughly 400 k] mol™, implying the total bond rupture energies
are 3 to 4 times AH. This apparent discrepancy is actually con-
sistent with brittle fracture theory as other energy dissipation
mechanisms are active as previously noted.

In the present materials, both bond trapping and molecular
bridging mechanisms are expected to contribute significantly to
the bond rupture energies. The rupture of Si-O and Si-C bonds
in the present materials requires that all bonds in the Si-O-Si
and Si-C-C-Si chains, respectively, be loaded to the bond rupture
force. Therefore the total work required to rupture the Si-O and
Si-C bonds increases. This mechanism is referred to as molec-
ular bridging.?% In addition, to load a Si-X-Si chain to its rup-
ture force, material surrounding the chain must also be loaded.
When the bond ruptures, some of the stored elastic energy in
the surrounding material is lost as phonons. This mechanism
is known as bond trapping.'®! Bond trapping is predicted to be
most effective for materials with an open network structure and
directional chemical bonds which are both characteristics of
hybrid glasses.

Knowing now that the fracture energy is proportional to the
min-cut bond density (Figure 4b) and that the min-cut bond
density is proportional to (p — 0.55) (Figure 4a), we predict that
the fracture energy, Ge, should follow the same proportionality:

Gc ¢ Nmin-cut & (P— 055) (4)

Adv. Funct. Mater. 2010, 20, 2884-2892
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Figure 5. Experimentally measured fracture energies of various hybrid
glasses are plotted against the Si-X-Si connectivity, p. Both the fracture
bond density, N, and fracture energy, Gc, are proportional to (p—0.55),
demonstrating that fracture energy scales with the min-cut bond density.

The accuracy of this prediction is supported by experimental
measurements of fracture energies shown in Figure 5 for
various spin-on and CVD hybrid glasses. Along with data for
Et-OCS and Et-OCS(Me), data is shown for spin-on glasses that
were processed with various concentrations of terminal Si-CHj;
and Si-H groups.”! The incorporation of terminal groups into
the glass decreases the Si-X-Si connectivity (but not neces-
sarily the condensation degree). The condensation degree of
these glasses was assumed to be 0.8. Also shown in Figure 5
is fracture energy data for PECVD hybrid glasses.?®! Using
the reported ratios of terminal to network bonds, we have cal-
culated the corresponding Si-X-Si connectivity values. Data
for other PECVD glasses are also plotted.?”] The Si-X-Si con-
nectivity was calculated from the reported mean coordination
numbers. The solid line in Figure 5 shows the fracture energy
scaling predicted by the min-cut model assuming a fracture
energy of 8.5 ] m~2 at p = 1.0, which is the fracture energy of
dense SiO, glass.?8 All the data falls along a similar trend and
is well fit by the min-cut model. This strongly suggests that
fracture energy in hybrid glasses is proportional to the quan-
tity (p — 0.55) and thus proportional to the min-cut of the glass
network.

The scaling of fracture energy with (p — 0.55) is not simply
an empirical relationship but reveals something more funda-
mental about the connection between fracture energy and net-
work connectivity. The effective medium approximation (EMA)
for bond percolation predicts that for a network of z-coordinated
nodes such the (1 — p) bonds are removed in a perfectly random
manner, the minimum-cut of the network is predicted to
scale linearly with p such that the line passes through zero
at p = 2/z.1?) Hybrid glasses can be modeled as a network of
4 coordinated Si atoms connected by oxygen or organic bridges
and so using the EMA, we can predict that the min-cut bond
density and also the fracture energy of hybrid glasses should
be proportional to (p — 0.50), very similar to the (p — 0.55)
scaling predicting by the min-cut analysis of the molecular
glass models. The discrepancy arises from secondary effects
related to the specifics of the hybrid glass network structure.
For example, while the EMA provides an exact solution for a
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two-dimensional square lattice, the EMA provides only an
approximation for similar networks. The square, (3,4,6,4), and
(3,6,3,6) two-dimensional Archimedean lattices all have a coor-
dination number of four but the bond percolation thresholds of
these lattices are 0.5000, 0.5248,13% and 0.5244,B31 respectively.

The accuracy of the EMA in predicting the min-cut and frac-
ture energy scaling for hybrid glasses means that remarkably,
the fracture energy scaling with connectivity for amorphous,
three-dimensional hybrid glasses can be well predicted to first
order by modeling the glass network as a square lattice of Si
atoms. This result reveals the deep and fundamental connection
between fracture energy in brittle glasses and the mathematics
of bond percolation theory, providing a simple mathematical
framework for understanding and predicting the influence of
network connectivity on fracture energy in hybrid glasses and
other brittle solids.

3. Conclusions

Using a combined computational and synthetic approach, we
have established fundamental scaling laws for the elastic and
fracture properties of hybrid glasses. A simple mean-field
model based on rigidity percolation occurring at Si-X-Si con-
nectivity, p, of 0.6 could capture the scaling of bulk modulus
with connectivity. For the ethane-bridged glasses investigated,
the bulk modulus scaled as (p — 0.6)12. The fracture energy of
brittle hybrid glasses was shown to scale with (p — 0.55), the
same scaling as the number of bonds broken during fracture.
This remarkably simple relation is rooted in the mathematics
of bond percolation theory. These results show that Si-X-Si con-
nectivity, p, provides the best measure of network connectivity
because it provides an absolute measure that is independent of
precursor structure. More importantly, it enables application of
the powerful results of percolation theory.

We can now explain the paradoxical relative ineffective-
ness of some curing strategies at improving cohesive fracture
energy in glasses as opposed to their effects on elastic stiffness
and adhesive fracture.'12 While elastic properties are highly
sensitive to changes in connectivity induced during curing, the
cohesive crack can meander through the network on a path that
cleaves the least number of bonds. This additional geometrical
freedom results in the insensitivity to cure.

The scaling laws presented will be very useful for the design
and optimization of advanced hybrid glasses. While terminal
groups are detrimental to mechanical properties, these groups
may be beneficial for other properties. An excellent case in
point is the field of low dielectric constant (low-k) materials for
microelectronics.?” The majority of low-k materials which are
currently incorporated into high performance microproces-
sors are based on the presence of Si-CH; groups in the hybrid
material network which provide significant benefits such as
etch resistance and hydrophobicity. Understanding the fun-
damental scaling of stiffness and fracture energy with con-
nectivity (and thus terminal group concentration) will enable
optimization of mechanical properties against other prop-
erty requirements for low-k glasses and also other advanced
hybrids whose functionality requires pendent organic groups
on the silicon atom.
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4. Methods
4.1. Modeling

Interatomic Potential: A number of interatomic potentials for
molecular dynamics simulations have been developed to study
sol-gel silicate materials and organosilicate molecules.3-37]
However none are able to efficiently assemble highly-connected,
dense organosilicate networks with controlled network connec-
tivity. We adopt a similar approach to that used to generate model
silica glasses with a three-body potential.’®] The fundamental
structural units for the Et-OCS and Et-OCS(Me) models were Si-
(CH,)-(CH,)-Si and Si-(CH,)-(CH,)-Si-(CH3) bonded molecules,
respectively, and oxygen atoms. Hydrogen atoms were mod-
eled implicitly using a united atom approach. Bonds and angles
within the Si-C-C-Si and Si-C-C-Si-C chains were modeled as
harmonic oscillators. The Si-C-C-Si and C-C-Si-C dihedral angles
were modeled with the OPLS dihedral function.’”) To create
Si-O bonds during the simulation, an empirical potential of the
Stillinger-Weber form!?l was developed as it allowed for easy
control of the Si-O bond length with the two-body term, ¢,(r),
and the O-Si-O, Si-O-Si, and O-Si-C bond angles with the three-
body term, ¢5(r,s,6). The form of the potential energy, U(zs,), is

U(T‘, S, 6) = Zi Zj>i [(77] (rij)
+ Zi Z#i ij @5 (rijsik i) (5)

@3 (r, s, 0) = Ae[cos O— cosﬂ)]exp( Yo )exp( re )
r— ao s— ao

For both the two and three body term, o equals the inter-
cept of potential energy with the r-axis, € is the characteristic
energy, and a sets the cut-off distance with respect to sigma
(cut-off distance = ao). In the two-body term, r is interatomic
distance, A controls the energy well depth, and m and n are the
exponents that govern the shape of the pairwise energy func-
tion. In the three-body term, r and s are interatomic distances,
0 is the bond angle, 6, is the equilibrium bond angle, 4 con-
trols the magnitude of the energy, and y controls the coupling
between the distance and angle energies. The interaction of all
non-bonded atom pairs was described by an exponential repul-
sion function to ensure that atoms did not overlap.

Model Connectivity: To control the connectivity of the model
networks, the O:Si ratio of the simulation cell was varied. The
interatomic potential was designed such that the minimum
energy configuration of the simulation was achieved when all pos-
sible Si-O bonds were formed. Thus if the O:Si ratio was greater
than the stoichiometric ratio for a fully condensed glass (1.5 for
Et-OCS and 1.25 for Et-OCS(Me)), then non-bridging oxygen
atoms were present. By definition, the Si-X-Si connectivity, p, and
condensation degree, g, of the Et-OCS and Et-OCS(Me) glasses
are uniquely related to the O:Si ratio of the network:
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Procs = (3.5 (O Si))/2 (6)
PEt-ocsme = (3.0 (O Si))/2 7)
PEt-ocs = 2— 4(0O: Si)/6 (8)
PEt-ocsMe) = 2— 4(O: Si)/5 9)

Simulated Annealing: The simulated annealing was done
by running NPT molecular dynamics simulations with
LAMMPS. To generate the model glasses, 750 Si-C-C-Si or
Si-C-C-Si-C molecules and the appropriate number of oxygen
atoms were placed randomly into a cubic simulation cell with
periodic boundary conditions. Initially, a soft potential was
used to push overlapping atoms apart. The annealing schedule
involved cooling the simulation cell linearly from a temperature
of 12 000 K to 6000 K over 10 000 one-femtosecond timesteps
then quenching from 6000 K to 300 K over 50 000 femtosecond
timesteps. Since the pressure was controlled and not the
volume, networks that were more connected had a higher den-
sity and than those that were less connected. The same pres-
sure profile was used for all simulations and was chosen such
that the densities of the final pressure-free simulation cells
representing the experimental glasses were within 5% of the
experimentally measured densities (1.539 g cm™3 for Et-OCS
and 1.286 g cm™! for Et-OCS(Me). The pressure decreased line-
arly over the course of the simulations. The initial pressure was
9 GPa for all simulations. The final simulation cell dimensions
varied from 4.8 to 5.5 nm. The accuracy of the local chemical
environment of every atom type was verified by analyzing the
radial distribution functions and coordination numbers.

Bulk Modulus: Using NPT molecular dynamics simulations,
the hydrostatic pressure applied to the simulation cell was
incremented in a stepwise manner so that the pressure and
cell volume could be averaged over 10 000 timesteps. To obtain
the bulk modulus, the average pressure was plotted against the
average volumetric strain for several applied pressures and the
slope was determined with a least-squares fit.

Min-Cut Cohesive Fracture Model: In graph theory, a cut is
the partitioning of the nodes (atoms) of a graph (glass) into two
disjoint sets (separated bodies). The capacity of the cut is the
sum of the capacities of the edges connecting the two sets of
nodes. A minimum-cut is a cut which has the least capacity.
The minimum-cut principle has been used to study cohesion
of model polycrystalline solids and simple lattices.[*>~*] Model
glass networks were transformed into graphs by treating every
atom as a node and every bond as a weighted edge. Edges were
weighted according to bond rupture force. The best measure of
bond rupture forces for the bonds present in these materials
indicate that the force required to rupture Si-C and Si-O, and
C-C bonds are 2.8 nN, 3.3 nN, and 4.1 nN respectively.?? Given
the topology of these networks, the relative capacities of the dif-
ferent bond types in the network will not affect the total number
of bonds intersected by the min-cut provided that the capacities
are within a factor of two. To ensure that the min-cut separated
opposite faces of the simulation cell, the tops and bottoms of
each cell were consolidated such that the min-cut surface was
confined to a plane of height A. The push-relabel algorithm was
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used to find the minimum-cut of the model networks.*% This
was done with the MatlabBGL graph library.*’!

4.2. Experimental Section

Materials: To prepare Et-OCS(Me) solution a 20 mL scintillation glass
vial, 1.25 g of 1-(triethoxysilyl)-2- (diethoxymethylsilyl)ethane (TESDMSE)
is mixed with 3.75 g of 1-methoxy-2-propanol (PMOH) to prepare a 25 wt. %
solution. Finally, 0.625 g of a 1 M solution of aqueous nitric acid is added
and the solution is allowed to stand without stirring for 1 h at room
temperature. Details of Et-OCS film preparation have been reported
previously.!l Thin films (400 to 900 nm) were obtained by spin casting
the above solutions on clean silicon wafers. The films were first pre-baked
at 85 °C for 2 min, then heated under nitrogen from 25 °C to 425 °C at
5°C min~" and held at 425 °C for 1 h using a YES polyimide bake oven.

Film Density: Specular x-ray reflectivity measurements were used
to determine samples density and these were performed using a
diffractometer (X'Pert Pro MRD, Panalytical) with ceramic X-ray tube
(wavelength = 0.154 nm) and high resolution horizontal goniometer
(reproducibility +/— 0.0001 degree). The critical angles from the
reflectivity data were obtained from the peak position of Ig* vs. g plots
(g9 =4m/A)sin6, where A is the wavelength, 6 is the grazing incident angle
of the X-ray beam).

Solid-State  NMR: Cross—polarization (CP) magic-angle—spinning
(MAS) 2°Si NMR spectra were obtained using a Bruker Avance
500 spectrometer operating at 99.359 MHz and 500.139 MHz for 2°Si
and 'H, respectively. Spectra were obtained using ramped-amplitude
cross polarization!*® with a 10 ms contact time and two—pulse phase—
modulated (TPPM) 'H decoupling.*’! The amplitude of the %Si spin
locking field was ramped from 80% to 100% during the contact time
and the "H decoupling field was 115 kHz (yB;/2I1). The MAS spinning
speed was 10 kHz. The sample was scraped from 200 mm silicon
wafers, 4 each, using a single edged razor blade. The resulting 57 mg
of material was transferred into a 4 mm OD Bruker MAS rotor. The 2°Si
chemical shift was externally referenced using a rotor containing liquid
tetramethylsilane (TMS). The spectra were obtained by averaging 16 k
scans with a recycle delay of 5 s. The condensation degree was obtained
by least square fitting of the NMR experimental data. For Et-OCS, three
Gaussian peaks with a fixed chemical shift (-63.01, —55.86, —48.62) were
used for the fitting. For Et-OCS(Me), five Gaussian peaks with a fixed
chemical shift (—63.55, —56.01, —47.96, —18.25, —10.83) were used for
the fitting. The peak widths were allowed as a free fitting parameter for
both Et-OCS and Et-OCS(Me).

Mechanical Properties: Elastic moduli were obtained using surface
acoustic wave spectroscopy (SAWS). SAWS studies were performed
with a laser-acoustic thin film analyzer (LaWave, Fraunhofer USA) and
acoustic waves were generated by a nitrogen pulse laser (wavelength
337 nm, pulse duration 0.5 ns). These were detected using a transducer
employing a piezoelectric polymer film as a sensor. The measured
surface wave velocity as a function of frequency was fitted with the
theoretical dispersion curve to deduce both Young’s modulus and bulk
modulus (a value of 0.25 was assigned for Poisson’s ratio).

Blanket films (400-500 nm) were capped with a 200 nm stiff bilayer
of Cr and Al through evaporation. Sandwich fracture testing specimens
were fabricated by epoxy bonding the thin-film stacks to blank silicon and
then using a high-speed diamond wafering blade to section the bonded
wafers into beams of appropriate dimensions. All testing was carried out
at 25 °C and ~40% relative humidity using the Delaminator adhesion
test system (DTS, Menlo Park, CA). Following mechanical testing, XPS
was used to determine the location of failure.
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