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       Thin fi lm plasticity plays an important role in the adhesion of 

interfaces in thin-fi lm structures. Adhesion energy is the sum 

of the energy needed to rupture atomic bonds at the inter-

face, the so-called “work-of-fracture” central to the Griffi th 

fracture theory, [  1  ]  and additional energy dissipation primarily 

through plastic deformation near to the debonded tip in adja-

cent ductile fi lms. The latter contribution, hereafter referred 

to as the plasticity contribution, is usually much greater than 

the work-of-fracture. Therefore, while interfaces between 

ductile fi lms tend to exhibit high adhesion energies, [  2,3  ]  those 

between brittle fi lms often exhibit low adhesion energies. [  4  ]  

The lack of a plasticity contribution to the fracture resist-

ance poses signifi cant reliability challenges in many thin-fi lm 

applications involving mechanically fragile fi lms. [  5–9  ]  

 It is possible to confer a plasticity contribution to 

the adhesion energy of interfaces between brittle and/or 

fragile fi lms by embedding adjacent layers with plasticity. 

For example, it has been demonstrated that in Cu/TaN/

SiO 2  thin-fi lm structures, the Cu metal fi lms undergo plastic 

deformation during debonding at the adjacent weak TaN/

SiO 2  interface, thereby signifi cantly increasing the adhesion 

energy. [  10,11  ]  The same phenomenon has also been observed 

in Al-Cu/TiN/SiO 2  thin-fi lm structures. [  3,12  ]  

 A fundamental limitation to exploiting adjacent metal 

plasticity contribution is that metal plasticity is suppressed at 

the nanoscale. As the fi lm thickness decreases below a few 

micrometers, metal fi lms exhibit a marked increase in yield 

strength  [  10,13–17  ]  due to the well-known fi lm thickness effect 

on decreasing dislocation mobility. [  13,14  ]  In addition, thinner 

fi lms tend to have smaller grain sizes, which lead to strong 

Hall-Petch strengthening. [  15,16  ]  For example, in the above 

mentioned Cu/TaN/SiO 2  systems, adhesion was not improved 

when the Cu fi lm thickness was below ≈300 nm. [  10  ]  This 

occurred even though the propagating crack tip was sepa-

rated from the adjacent Cu fi lm by only 25 nm. 

 This limitation at the nanoscale could be avoided by 

using ductile polymer layers. Unlike in metals, plasticity in 

polymers originates from molecular relaxation processes, and 

recent studies have shown that such plasticity is far less sensi-

tive to fi lm thickness compared to metal fi lms. [  18–20  ]  Polymer 

fi lms, however, present other limitations such as low elastic 

stiffness, limited thermal stability, and the need for deposition 

processes incompatible with device manufacturing platforms. 

 Here, we demonstrate that a signifi cant improvement of 

adhesion can be achieved at the nanoscale using ceramic-like 

hydrogenated amorphous silicon carbide (a-SiC:H) fi lms con-

taining sp 3  hybridized carbon chains. Unlike metals, the fi lms 

exhibit plasticity through molecular relaxation processes and 

do not harden at the nanoscale. Unlike polymers, the fi lms 

are elastically stiff, maintain excellent chemical and thermal 

stability (≈400 °C) and can be processed using conventional 

plasma enhanced chemical vapor deposition (PECVD). [  21  ]  

Using thin-fi lms structures containing interfaces that otherwise 

debond at a very low adhesion energy, we fi rst show that a sig-

nifi cant improvement in the adhesion energy can be achieved 

by plasticity in the a-SiC:H fi lms. Increased adhesion energy is 

demonstrated with the a-SiC:H fi lm thicknesses as low as 25 nm. 

We then explain the toughening observed using computational 

analyses and a fracture model and show that the toughening 

with the a-SiC:H fi lms is superior to that with metal fi lms. 

 To demonstrate the adjacent plasticity contribution of the 

a-SiC:H fi lms to adhesion energy at the nanoscale, we fabri-

cated model thin-fi lm structures containing a weak interface. 

The thin-fi lm structures consisted of dense silicon carbon 

nitride (SiCN) barrier fi lms, mechanically fragile nanoporous 

organosilicate glass (OSG) and the a-SiC:H fi lms. The nanopo-

rous OSG had a pore diameter of 1 nm with ≈25 vol% porosity 

and dielectric constant of 2.5. The weakest fracture path in the 

model structures was at the OSG to SiCN interface ( Figure    1  ). 

In the absence of the a-SiC:H fi lms, the adhesion energy meas-

ured by four point bend (FPB) testing was only 1.6 J m −2 . This 

low value, hereafter referred to as the work-of-fracture,  G  0 , is 

due to the inherently fragile nature of the low density glass 

network of the nanoporous OSG. [  6,7  ]  The a-SiC:H fi lm thick-

ness,  h  a-SiC:H , was varied from 25 to 250 nm, the range over 

which metal exhibits a strong thickness-dependent plasticity. 

The OSG thickness,  h  OSG , that separates the a-SiC:H fi lms 

from the weak interface was also varied from 25 to 1000 nm. 

The yield stress,   σ   ys , of the a-SiC:H fi lms was changed by con-

trolling the molecular structure ( Table   1 ).   

 The adhesion energy of the SiCN/OSG interface was 

measured by FPB testing as a function of  h  a-SiC:H  with fi xed 

 h  OSG  (100 nm). The a-SiC:H fi lms having the highest cohesive 
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fracture energy (a-SiC:H-1, Table  1 ) were used. As  h  a-SiC:H  

increased, the measured adhesion energy of the SiCN/OSG 

interface, designated by  G  C , increased by ≈25% even at  h  a-

SiC:H  = 25 nm and almost tripled to 4.5 J m −2  at  h  a-SiC:H  = 

250 nm ( Figure    2  ). The debonded interface remained at the 

SiCN/OSG for all of the measurements, so the increased 

adhesion was almost certainly due to the adjacent plasticity 

contribution, which increased with  h  a-SiC:H .  

 To further verify that the increased  G  C  of the SiCN/OSG 

interface was in fact due to the adjacent plasticity contribu-

tion of the a-SiC:H fi lm, fi nite element analyses (FEA) were 

performed to compute the size of plastic zone in the fi lms, 

which is defi ned as the area where the von Mises stresses, the 

driving force for plastic deformation, exceeded the measured 

yield stress of the fi lms. The a-SiC:H fi lms were assumed to 

exhibit elastic-perfectly plastic behavior, and the OSG fi lms 

and Si substrates were assumed to undergo only elastic 

deformation. The resulting strain distribution in the fi lms 

with  h  a-SiC:H  = 250 nm at the measured values of  G  C  is shown 

in Figure  1 . The plastic zone was found to increase from 0.13 

to 0.45  μ m 2  with increasing  h  a-SiC:H  from 25 to 250 nm. These 

computational results clearly revealed the existence of the 

adjacent plasticity contribution of the a-SiC:H fi lms. 

 We then examined how  G  C  was infl uenced by the thick-

ness of the intermediate mechanically fragile OSG fi lms, 

 h  OSG . The elevated stress fi elds are inversely proportional to 

the square-root of distance from the crack tip, so increasing 

the values of  h  OSG  would effectively move the a-SiC:H fi lms 

further from the crack tip stresses and thus decrease plas-

ticity in the fi lms.  G  C  was measured as a function of  h  OSG  

with constant  h  a-SiC:H  = 250 nm ( Δ  in  Figure    3  ). When  h  OSG  

≥ 500 nm,  G  C  was  ∼  G  0 . However, as  h  OSG  decreased below 

500 nm,  G  C  increased from  G  0  = 1.6 J m −2  to 4.5 J m −2  at 

 h  OSG  = 100 nm. For  h  OSG  = 0, the  G  C  of the SiCN/a-SiC:H 

interface was 14.7 J m −2  (Figure  3 ), indicating the maximum 

plasticity contribution although the interface chemistry and 

hence  G  0  might be changed. The dotted line in Figure  3  rep-

resents the trend expected from a fracture model discussed 

later. Note that the observed signifi cant toughening by the 

adjacent plasticity of the a-SiC:H fi lms occurred although the 

values of  h  a-SiC:H  were much smaller and  h  OSG  much larger 

than those previously reported in the Cu/TaN/SiO 2  thin fi lm 

structures. [  10  ]   

 We next characterized the effect of a-SiC:H yield strength, 

  σ   ys , on  G  C . The   σ   ys  of a-SiC:H fi lms depends on the molec-

ular structure, particularly the number of sp 3  carbon chains, 

which was controlled by adjusting the ratio of precursors 

during the PECVD processes. [  22,23  ]  The   σ   ys  of the a-SiC:H 

fi lms measured by nanoindentation and other salient proper-

ties are listed in Table  1 . When   σ   ys  = 71 MPa, the measured 

 G  C  increased with decreasing  h  OSG  (� in Figure  3 ), similar 

      Figure 2.  Effects of a-SiC:H fi lm thickness on adhesion energy,  G  C . OSG 
thickness is fi xed at 100 nm. 

 Table 1.    Material properties of a-SiC:H fi lms  

Film  NRA-RBS composition 
[at%] (±5%)   

XRR fi lm density,   ρ   
[g cm −3 ]  

Porosity 
[vol%] (±3%)  

Young's modulus,  E  
[GPa] (±10%)  

Yield stress,   σ   ys  
[MPa]  

Cohesive fracture energy,  G  c  
[J m −2 ]  

   C  Si  O  H                 

a-SiC:H-1  39  5  4  52  1.2 ± 0.1  12  4.2  104 ± 11  10.0 ± 0.29  

a-SiC:H-2  41  6  2  50  1.2 ± 0.1  13  3.8  71 ± 13  7.5 ± 0.20  

a-SiC:H-3  39  8  3  49  1.2 ± 0.1  10  3.8  165 ± 30  3.4 ± 0.11  

a-SiC:H-4  34  11  3  52  1.3 ± 0.1  5  8.0  430 ± 45  2.7 ± 0.10  

a-SiC:H-5  24  20  7  49  1.6 ± 0.1  0  25.7  995 ± 166  2.7 ± 0.11  

      Figure 1.  Schematic of multi-layered fi lm structures consisting of a-SiC:H 
fi lms, nanoporous OSG, and SiCN fi lms showing the thickness variation 
of the a-SiC:H fi lms and nanoporous OSG fi lms. The FEA computation 
of the strain distribution in the a-SiC:H fi lms (with  h  a-SiC:H  = 250 nm 
and  h  OSG  = 100 nm) is shown. The dotted line indicates the boundary 
of the plastic zone within which strains exceed the yield strain. 
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to the trend for the fi lms with   σ   ys  = 104 MPa ( Δ  in Figure  3 ). 

However, when   σ   ys  ≥ 165 MPa, the measured  G  C  showed no 

change with decreasing  h  OSG  (◊, �, and ∇ in Figure  3 ), con-

fi rming the absence of any plasticity contribution to  G  C . 

 It is possible to account for the measured plasticity con-

tribution to  G  C  using a fracture model [  24,25  ]  that includes 

salient features of the thin-fi lm structures such as  G  0 , fi lm 

thickness and mechanical properties. This model assumes a 

plastic zone in a ductile layer that is separated from the crack 

tip by another elastic layer with thickness  D . The plastic con-

tribution to the interface fracture resistance scales with a 

non-dimensional parameter [  24,25  ] 

R0/D   (1)     

 where  R  0  is a characteristic plastic zone length-scale in the 

ductile layer given by

R0 = 1

3B(1 − v2)

E f G0

F 2
ys   

(2)

     

 where  E  f  is the Young's modulus,   ν   the Poisson's ratio and 

  σ   ys  the yield strength of the ductile layer.  G  C / G  0  for the pre-

sent study is shown as a function of  R  0 / D  in  Figure    4  , which 

was calculated using the values listed in Table  1  and substi-

tuting  h  OSG  for  D  along with the predictions of the fracture 

model (dotted lines). The fracture model includes the strain 

hardening coeffi cient,  N , of the ductile layer which infl u-

ences the plasticity contribution to the fracture resistance. 

Strain hardening of the ductile layer increases with  N , and 

the onset of the plasticity contribution shifts to higher values 

of  R  0 / D . While the  G  C / G  0  values for the present study scale 

with  R  0 / D , as anticipated by the fracture model, the onset of 

the plasticity contribution occurs at a value of  R  0 / D  ≈ 0.4, far 

smaller than the model predictions and the experimentally 

measured data for the metal fi lm containing Cu/TaN/SiO 2  

structures (thin solid line in Figure  4 ). [  10  ]  Note that in the 

case of the Cu fi lms, the values of  N  are greater than 0.3, [  26,27  ]  

which tend to increase further in the presence of passivation 

layers, [  26  ]  such as the TaN layer in the Cu/TaN/SiO 2  struc-

tures. This, together with the suppression of plasticity in such 

metal fi lms at the nanoscale, explains their much-reduced 

toughening capacity.  

 The more effi cient toughening achieved by the a-SiC:H 

fi lms and the earlier onset of the plasticity contribution 

likely originate in the yield and plastic fl ow behavior of the 

fi lms. The values of   σ   ys  measured by nanoindentation were 

obtained in the mostly compressive stress fi elds below the 

indenter, while the plastic zone was formed in the tensile 

crack tip stress fi elds that have a signifi cant tensile hydro-

static component. The yielding and plastic fl ow of amorphous 

materials like the a-SiC:H fi lms are typically sensitive to such 

hydrostatic stresses,  [  28  ]  and yielding of the fi lms may occur at 

reduced values of   σ   ys . If we fi t the onset of the plasticity con-

tribution of the a-SiC:H fi lms to the fracture model predictic-

tion for  N  = 0 ( R  0 / D  ≈ 0.71) by reducing the measured values 

of the   σ   ys , we indeed obtain a 25% reduced value from the 

measured   σ   ys . The extent of this change is common in amor-

phous polymer-like materials, [  28  ]  so the reduced yield and 

plastic fl ow behavior of the a-SiC:H fi lms can account for the 

enhanced toughening observed. 

 To our knowledge, for the fi rst time we have achieved the 

signifi cant toughening of weak interfaces by adjacent plas-

ticity of ceramic-like a-SiC:H fi lms at the nanoscale. Because 

of their excellent thermal stability and etch stop properties, 

the a-SiC:H fi lms are multi-functional and thereby open new 

avenues for toughening strategy that not only improves the 

mechanical durability of nanoscale device structures far more 

effectively than metals but also provides protection from 

harsh manufacturing and operating environments unlike 

polymers.  

      Figure 3.  Effects of OSG thickness,  h  OSG , and yield strength,   σ   ys , on 
adhesion energy,  G  C . a-SiC:H thickness,  h  a-SiC:H  is fi xed at 250 nm. 

      Figure 4.   G  C / G  0  of the thin-fi lm structures with the a-SiC:H fi lms as a 
function of  R  0 / D  along with fracture model predictions [  25  ]  and Cu/TaN/
SiO 2  thin-fi lm structures. [  10  ]   R  0  and  D  represent a characteristic plastic 
zone length-scale in ductile layer and distance from the crack tip, 
respectively.  N  represents strain hardening coeffi cient. A typical value 
of  N  for Cu fi lms is greater than 0.3, [  26,27  ]  which tends to increase further 
in the presence of passivation layers such as the TaN layer for the Cu/
TaN/SiO 2  structures. 
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  Experimental Section 

 Model thin-fi lm structures (Figure  1 ) consisting of a-SiC:H fi lms, 
nanoporous OSG dielectrics and SiCN fi lms were synthesized on 
a 300 mm (100) silicon wafer using manufacturing PECVD systems 
previously described. Targeted compositions of the a-SiC:H fi lms 
were obtained by fi nely tuning the amount of precursors, including 
methylsilanes, phenyl organic porogen, He and H 2  at 250 °C sim-
ilar to methods described elsewhere. [  29–31  ]  The deposited a-SiC:H 
fi lms were subsequently cured by e-beam irradiation at tempera-
tures on the order of 400 °C such that the porogen precursors 
were decomposed to form sp 3  carbon chains and some porosity 
was generated. Deposition time was adjusted to have targeted fi lm 
thickness from 25 to 250 nm. Nanoporous OSG dielectrics were 
similarly deposited and ebeam cured at temperatures of ≈250 and 
400 °C, respectively. The precursors used for OSG dielectrics were 
the combinations of alkoxysilanes, He, oxidizing gases, and a sac-
rifi cial organic porogen. 

 Material properties of the a-SiC:H, nanoporous OSG and SiCN 
fi lms were determined by various characterization techniques. Low 
frequency dielectric constants of the fi lms were measured using a 
Hg probe at the frequency of 100 kHz. Film density was determined 
by X-ray refl ectivity technique. [  32  ]  The Young's modulus of the fi lms 
was determined by nanoindentation  [  33  ]  with Poisson's ratio of 
0.25, using the fi lm thickness of 2000 nm to minimize substrate 
effects. Using nanoindentation, the yield stress of the a-SiC:H fi lms 
was additionally measured based on Johnson's spherical cavity 
model. [  34  ]  Film porosity was measured by spectroscopy ellipsom-
etry with toluene solvent. These material properties of the a-SiC:H 
fi lms, and OSG dielectrics and SiCN fi lms are summarized in 
Table  1  and  Table   2 , respectively. The elemental composition of 
the a-SiC:H and OSG fi lms were determined by combined nuclear 
reaction analysis (NRA) and Rutherford backscattering. [  22,35  ]  The 
pore diameter for the OSG fi lm was determined by positronium 
annihilation lifetime spectroscopy (PALS). [  36  ]   

 The adhesion energy of the model thin-fi lm structures was 
measured by the four point bend (FPB) fracture mechanics testing 
with a Delaminator Test System (DTS, Menlo Park, CA). In sample 
preparation, multilayered fi lms were bonded to silicon wafers 
with a brittle epoxy adhesive (Figure  1 ), which were then diced 
by a high-speed wafer saw to fabricate FPB geometry specimens, 
3 mm wide, 1.56 mm in total thickness and 50 mm in length. The 
FPB specimens were loaded in a mixed loading modes with the 
phase angle of ≈41°, and load and displacement were measured 
to determine  G  C  in a laboratory air test environment at ≈25 °C and 
≈40% RH. The method for calculating  G  C  is detailed elsewhere. [  37  ]  
After fracture energy measurements, all fracture paths were care-
fully characterized by XPS survey scan to identify the fracture 
paths. 

 To assess the adjacent plasticity contribution of a-SiC:H fi lms 
to the  G  C , fi nite element analysis (FEA) with Abaqus were per-
formed to compute plastic zone size in the fi lms. Since the thin-
fi lm thickness was much smaller than the overall dimension of 
the specimens, multiscale approach  [  10,38  ]  was used to reduce the 
computation cost. In the approach, the displacement loading of 
the FPB testing was replaced by displacement boundary conditions 
determined from the asymptotic K-fi eld solution for a crack in an 
isotropic linearly elastic medium. [  39  ]  To minimize the effect of thin-
fi lm structures on the asymptotic displacement fi eld, we used the 
computational size of 10  μ m in diameter, which was much larger 
than individual layers.  
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